We propose a theoretical framework to predict the deformation mechanism of the γ-TiAl single crystal without lattice defects by combining the generalized stacking fault energy and the Schmid factor. Our theory is validated against an excellent testbed, the single crystal nanowire, by correctly predicting four major deformation mechanisms, namely, ordinary slip, super slip, twinning, and mixed slip/fracture observed during the tensile and compressive tests along 10 different orientations using molecular dynamics simulations. Interestingly, although lattice defects are not taken into account, the theoretical predictions match well with existing experiments on bulk specimen with only a few exceptions; the exceptions are discussed based on the size-dependent deformation mechanism in the presence of preexisting dislocation sources. We expect that the method in this paper can be generalized to study various ductile intermetallic crystals where conventional Schmid law does not hold well.
Over the past few decades, TiAl intermetallic compound has attracted much attention because of its use in applications such as LPT (low pressure turbine) blades in aircraft engines and turbine wheel in automobile engines enabled by its outstanding high temperature mechanical properties including good thermal and oxidation resistance [1] [2] [3] [4] . Despite these excellent properties, industrial applications have been limited by its inherently low ductility. To develop the compound with enhanced ductility, the microscopic deformation mechanisms must be understood 1 .
TiAl alloy is composed of the brittle α 2 phase and the ductile γ phase, and its plasticity is accommodated mostly by the ductile γ phase. Numerous studies have been performed to understand the mechanical behaviors of TiAl alloy and each of the constituent phases [5] [6] [7] [8] [9] [10] [11] [12] [13] [14] . The brittleness of α 2 has been explained by the limited number of active slip systems, based on the detailed analysis on its slip systems and dislocation structures 7, 10, 14 . Deformation mechanisms of single-crystal γ-TiAl, prepared either from TiAl alloy or by direct growth for various orientations have been investigated via transmission electron microscopy (TEM) or scanning electron microscopy (SEM) analyses 5, 11, 13 . The effects of different γ/γ interfaces and lamellae orientations of TiAl compound have also been studied 6, 12 . In addition, the motion of existing dislocations and their effects on mechanical properties in γ-TiAl have been investigated [15] [16] [17] .
However, although its unique slip system ( Fig. 1) including both ordinary dislocations and superdislocations has been extensively studied 18, 19 , a systematic prediction on the deformation behaviors of γ-TiAl is still lacking, thereby limiting the understanding of the mechanical properties of TiAl alloy such as orientation-dependent yield stress, elongation, and deformation mode of PST (polysythetically twinned) crystals 20 . Although a few analyses based on the Schmid factor exist 5, 18 , it is well known that the Schmid factor alone is not sufficient to predict the deformation mechanism of single-crystal metals [21] [22] [23] . For example, in an experimental study 5 , γ-TiAl single crystals under compression along seven loading directions at root temperature undergo plastic deformation mediated by ordinary dislocations except one direction, although the Schmid law predicts that only two loading directions prefer the ordinary dislocation while the superdislocation or the twinning mechanism has the highest Schmid factor for the other five directions. In addition, although both superdislocations and ordinary dislocations are decomposed into partial dislocations, existing studies consider the Schmid factors for full ordinary dislocations and full superdislocations without accounting for the partial slips 5, 18 .
In the present study, in order to overcome the limited applicability of the Schmid law in the γ-TiAl crystal, we suggest a theory to predict the deformation mode of the crystal without lattice defects by combining generalized stacking fault energy (GSFE) surface and the Schmid factor accounting for the partial slips. We test the theory against an excellent testbed, the single crystal nanowire, by performing molecular dynamics (MD) simulations of both compressive and tensile tests along 10 different orientations. We reveal that four major deformation mechanisms of ordinary slip (slip by ordinary dislocation), super slip (slip by superdislocation), twinning, and mixed slip/fracture occur depending on the loading condition, and that the theoretical prediction matches with the deformation mode observed in MD simulations for all loading conditions tested in the study. Having established the validity of our theory, we predict the deformation mode of single crystal compression experiments by employing the GSFE obtained from first-principle density function theory (DFT) calculations, and show that the predictions match well with experimental results in the literature 5, 13, 24 with a few exceptions. We discuss the origin of the discrepancy by considering size-dependent deformation mechanism in the presence of preexisting dislocation sources.
The remainder of this paper is organized as follows. In Section 2, we discuss the unique slip systems in detail and present a theoretical model to predict the preferred deformation mode for a given loading condition. We calculate the ideal critical resolved shear stress (ICRSS) of five distinct slip events (forward super slip, SISF (superlattice intrinsic stacking faults) partial slip, twin, inverse super slip, and ordinary slip) and provide a systematic method to compute the critical stress for each to occur based on the GSFE surface and the Schmid factor. In Section 3, we provide a detailed description of the MD simulations and show that the observed deformation mechanisms for 20 different loading conditions match well with the theoretical predictions. We then discuss the origin of different deformation mechanisms between the theory and the existing bulk experiments for a few exceptional orientations by considering size-dependent deformation mechanism in the presence of preexisting dislocation sources. A summary and an outlook for future research are presented in Section 4.
Theoretical Predictions on the Deformation Mechanism
Characterization of Slip Systems. γ-TiAl single crystal has an L1 0 intermetallic structure, which is composed of alternating Ti and Al atomic layer along the [001] axis, as shown in Fig. 1(a) . γ-TiAl single crystal has almost the same atomic configuration with the face-centered cubic (FCC) structure, except that the lattice constant along the [001] axis is approximately 2% longer than the lattice constant along the [100] or [010] axes. To distinguish two distinct orientations, we use the modified notation of Miller indices with mixed parentheses of 〈abc] or {def) introduced by Hug et al. 25 . The perfect L1 0 crystal structure can also be described as the repeated stacking of three consecutive {111) atomic layers. A stacking fault is a planar defect, where these stacking sequences are interrupted by the relative displacement between two adjacent planes. This interruption involves excess energies compared to a perfect crystal, called the generalized stacking fault energy (GSFE). The GSFE surface is calculated by moving upper half of the perfect crystal along the directions parallel to the {111) plane (or gamma surface) and calculating the energy difference between the initial state and the deformed state. The GSFE landscape of the γ-TiAl single crystal is different from that of the FCC structure, as shown in Fig. 1(c,d) , and three different stacking faults can form that include superlattice intrinsic stacking faults (SISF), antiphase boundary (APB) and complex stacking faults (CSF). The properties of the γ-TiAl single crystal, including lattice constant, elastic constants and three stacking fault energies (SISF, APB and CSF) obtained from two EAM potentials (Farkas & Jones 26 and Zope & Mishin 27 ), ab initio density functional theory (DFT) calculations and experiments are summarized in Table 1 .
Because of the aforementioned unique GSFE, the γ-TiAl crystals deform differently from the FCC crystals. According to previous experimental studies 5, 11, 13 , plastic deformation of bulk single-crystal γ-TiAl involves twinning, ordinary dislocation and superdislocation on the {111) plane. Among these, the formation of superdislocation is a unique feature that distinguishes γ-TiAl from ordinary FCC structures. Two types of superdislocations with burgers vectors of 〈011] and 1/2〈112] are often considered, as shown in Fig. 2 . According to the generalized Peierls-Nabarro model based on the ab initio GSFE surface 19 
Because of the limited experimental resolution, many experimental studies reported that superdislocations dissociate into three partial dislocations and two stacking faults 25, 28 or two partials and SISF 13, 29, 30 . Nevertheless, in the present theoretical study, we considered the fully dissociated superdislocations with four partials and ordinary dislocation with two partials.
The slip on the {111) plane is initiated either by one SISF partial or two CSF partials, as shown in Fig. 3 (a). On one hand, when a SISF partial is formed in the first stage, three possible events can subsequently occur ( Fig. 3(b,d,e) ). First, three trailing partials nucleate on the same slip plane of the leading SISF partial, leading to the 47 . c Hug et al. 25 . super slip. We name this mechanism as forward super slip to distinguish another super slip mechanism whose leading partial is the CSF partial. Second, another leading partial can nucleate on a parallel plane not adjacent to the first slip plane, leading to SISF partial slip, i.e., a formation of multiple SISFs on different slip planes. Third, another leading partial nucleation occurs on the slip plane adjacent to the first leading partial, leading to twinning. On the other hand, when a CSF partial is formed in the first stage, two possible events of either ordinary slip or super slip can occur, depending on the following trailing partials ( Fig. 3(c) ). We name this super slip as the inverse super slip because the leading partial of a superdislocation is usually considered to be SISF partial rather than the CSF partial because of the lower energy barrier to form SISF. In total, we considered five possible deformation events. For the inverse super slip, the 〈011] superdislocation is preferred to the 1/21〈12] superdislocation because of a geometrical reason. After forming a CSF partial slip and then another slip from CSF to APB, the third partial slip direction determines which of two superdislocations forms ( Fig. 3 (a,c)). Whether upward or downward CSF partial slip occurs in the first step ( Fig. 3(a) ), the third partial slip direction of the 〈011] superdislocation ( Fig. 3 (c)) is aligned with the first CSF partial direction, while the third partial slip direction of the 1/2〈112] superdislocation is aligned with the other CSF partial direction that is not chosen in the first step. Since the CSF partial with higher Schmid factor is chosen in the first step, the third partial of the 〈011] superdislocation has higher Schmid factor than that of the 1/2〈112] superdislocation. Because of the similar geometrical reason, the 〈011] superdislocation is preferred to the 1/2〈112] superdislocation for the forward super slip. Hence, we only consider the 〈011] superdislocation in the present study. In addition, because the CSF or APB fault has higher energy compared to SISF, we do not consider the events of forming multiple CSF or APB faults on different slip planes. We note that the GSFE surface moderately changes with the strain 31 . Because the pre-strain originated from the surface stress of nanowire is non-negligible and the applied strain at the yield point is even higher, it may be necessary to incorporate the strain-induced change of GSFE surface to enhance the accuracy of deformation mode prediction. However, as shown in the later part, although we use the GSFE obtained at zero strain for the prediction of the deformation mechanism, we find that our theoretical predictions match very well with MD simulations for all 20 loading conditions considered in the study. Indeed, the previous study on FCC crystals 23 also shows that the deformation mode can be predicted accurately without accounting for the strain-induced GSFE change.
Prediction of the Deformation Mechanism.
For each partial dislocation involving the aforementioned five categorized events, we obtain the GSFE curve by projecting the GSFE surface along the partial Burgers vector directions constituting each event, as shown in Fig. 4 . Because the plastic deformation of the nanowire initiates from the dislocation nucleation in the absence of preexisting dislocations, we compute the ideal critical resolved shear stress σ ICRSS of each partial slip from the maximum slope of the corresponding section of GSFE curve, as summarized in Table 2 . Although the σ ICRSS calculation in this work assumes the sliding of the perfect half space sliding instead of dislocation nucleation from a surface, it will determine the preference between different slip events; a similar method has been applied to predict the deformation mode of FCC crystals by Cai & Weinberger 23 . We extended the methodology to the intermetallic system involving more complex GSFE surface with more deformation modes. We note that the lattice friction resistance of both L1 0 crystal and FCC crystal is not significant because the dislocation core structure of both crystals involves stacking faults and thus is planar. Although the core structure of the 1/2〈110] ordinary screw dislocation in TiAl gamma crystal is known to be non-planar exceptionally, the lattice friction stress (the Peierls stress) at 0 K is estimated by a DFT method to be relatively small value of around 0.01C 44 (C 44 = 68 GPa) 32 . The lattice friction stress at 300 K is expected to be significantly smaller due to thermal fluctuation 33 . Hence, although the lattice friction resistance is not taken into account, the deformation mode prediction based on the minimum crystal stress criterion works well for FCC crystals 23 and also for L1 0 crystal of the TiAl alloy in this study. We note that our method is not expected to work at a very low temperature where the lattice resistance of the ordinary screw dislocation becomes significant.
For a given axial (tensile or compressive) loading, we can obtain the Schmid factor S of each partial slip and calculate the critical axial stress by σ c = σ ICRSS /S. We first compare the critical axial stresses of one SISF partial and two CSF partials for all available {111) slip planes and choose the preferred slip direction with lower critical stress. We note that, because we only consider three directions toward saddle points of the GSFE surface in the Step-1 deformation (Fig. 3a) , negative Schmid factors appear in our analysis (footnote of Table 2 ), which is different from the conventional usage of Schmid law on ordinary dislocations in FCC crystals. We do not consider any slip event along the slip directions with negative Schmid factors due to their larger energy barriers. When the SISF direction is preferred in the first step, we compare the critical stresses of three possible events of partial slip σ SISF c , twinning σ twin c , and forward super slip σ Fsuper c . Although the superdislocation forms by three trailing partials, we set σ σ =
Fsuper c SISF to APB c because the other two partials, one from APB to CSF and the other from CSF to perfect crystal, have significantly lower ICRSS values than those of the two previous partials, σ SISF ICRSS and σ SISF to APB ICRSS , respectively. Hence, the critical stress of forward super slip is defined as that of the partial slip from SISF to APB. The preferred deformation mechanism can be visualized in a map spanned by two parameters, τ = σ σ / 1 S ISF C twin C and τ = σ σ / 2 F super C twin C , as shown in Fig. 5(a) . We note that twinning is always preferred than the multiple SISF formations because σ twin ICRSS is lower than the σ SISF ICRSS and their Schmid factors are identical. Alternatively, when the CSF partial is preferred in the first step, we compare the critical stresses of two possible events of ordinary slip σ o c and inverse super slip σ =σ
Isuper c CSF to APB c . We visualized the preferred mechanism along the τ = σ σ / axis, as depicted in Fig. 5(b) . Table 3 summarizes the deformation mode prediction for 20 loading conditions based on the theoretical framework combining GSFE and the Schmid factor.
Comparison with Molecular Dynamics Simulations and Experiments
Molecular Dynamics Simulations and GSFE calculations. We use LAMMPS (large-scale atomic/ molecular massively parallel simulator) software 34 to investigate the deformation mode of a single-crystal nanowire by MD simulations. First, we construct γ-Ti 50 Al 50 nanowires with 3:1 aspect ratio to have 18 nm height and 6 nm diameter with given orientation. The periodic boundary condition is imposed only along the loading direction (x-axis). Prior to the loading tests, we equilibrate the specimen at 300 K by using NPT ensemble simulation for 30 ps, during which the equilibrium length is obtained. We further equilibrate the nanowire by 30 ps of NVT ensemble simulation at the equilibrium length. Next, we perform uniaxial tension and compression tests of nanowires along the x-axis with 10 8 s −1 strain rate up to 30% strain by imposing incremental strain of 0.1% every 10 ps with 300 K NVT ensemble. To understand the orientation dependent deformation mechanism, we perform the 
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Step 1
Step 2-1 (CSF is preferred)
Step 2-2 (SISF is preferred) A key difference between two EAM interatomic potentials is the relative magnitude of the APB and CSF energies in the relaxed GSFE map. As depicted in Fig. 6(d,e) , the APB energy is higher than the CSF energy for the Farkas & Jones model, whereas the order is opposite for the Zope & Mishin model. In comparison, in Fig. 6(f) , the density functional theory (DFT) calculations show that the APB energy is higher than the CSF energy and that there is no minimum at the APB. Although both EAM models do not match quantitatively with the DFT result, the Farkas & Jones model is better suited for studying the deformation mechanism, which is sensitive to the landscape of the GSFE map. Hence, we use the Farkas & Jones EAM for describing the interatomic interactions.
We also explain the details about the GSFE landscape in Fig. 6(c,e ) calculation based on density functional theory (DFT) using VASP (Vienna Ab initio Simulation Package) 37 . The exchange-correlation functional was described within the Generalized gradient approximation (GGA) and parameterized by Perdew, Burke, and Ernzerhof 38 . K-point meshes were constructed using the Monkhorst-Pack scheme 39 . We used a 11 × 5× 19 k-point mesh and a plane-wave cutoff energy of 320 eV. To calculate the stacking fault energy, we constructed 6 atomic layers along (111) plane, having spacing of 13.8 Å, 4.9 Å and 2.8 Å along the (111) slip plane normal and [112] and [110] slip directions, respectively. In-plane displacement was imposed along the [112] and [110] directions and accompanied by relaxation along the (111) axis. From the calculation, APB stacking fault has no stable state, and its energy is higher than CSF. Comparison between Theoretical Predictions and MD Simulations. In a series of MD simulations, we found that γ-TiAl nanowires deform by four types of mechanisms: ordinary slip, twin, super slip and mixed slip/fracture mode. In order to identify four deformation modes, we calculated relative displacement vectors of the atoms above and below of the slip planes. This vector was calculated by the position of the atoms for each step when they are moved. Stacking faults were identified by common-neighbor analysis. Four representative deformation mechanisms are visualized in Fig. 7 , and detailed simulation results for all loading conditions are summarized in Fig. S2 of Supplementary Information. For the twinned nanowires, a twin nucleates at the yield point and expands linearly with tensile loading by forming new partial dislocations on adjacent slip planes of the existing twin. Ordinary slips or super slips occurred on one or multiple {111) planes. We find that all observed super slips in the present work occurred via the inverse super slip mechanism. The specimen deformed in the mixed slip/fracture mode showed irregular deformation behaviors involving cracks and 〈011] superdislocations formed by inverse super slip. When inverse super slip is predicted from the theoretical framework, we observe the super slip mechanism ( Fig. 7(d) ) when the critical stress is relatively small. However, when the critical stress for inverse super slip is high, small crack-like deformation also occurs simultaneously, leading to the mixed slip/ fracture (Fig. 7(c) ).
For all loading conditions considered in the study, we find a good match between the theoretical prediction and simulation results, as shown in Table 3 . When the CSF partial is preferred to the SISF partial, the ICRSS of the trailing partial of ordinary dislocation is significantly lower than the ICRSS of the trailing partials of superdislocation. Hence, ordinary slip is preferred to the inverse slip for the majority of loading conditions. However, we observe the superdislocation by inverse super slip in a few loading conditions. For the mixed slip/fracture case involving inverse super slip, the Schmid factor of trailing partial of the ordinary dislocation is equal to or less than zero. When the SISF partial is preferred to CSF partial in the first step, the critical stress of twin is always lower than those of multiple SISFs and forward super slips for all loading conditions tested in the study.
Our analysis also provides a qualitative understanding of the stress-strain curves of different loading conditions, as shown in Fig. 7(e) . The different yield stresses (or failure stresses) in MD simulations can be understood based on the critical stress (Table 3) . Although the realistic slip occurs via the dislocation loop nucleation from the surface, we assume rigid crystal block sliding when estimating the critical stress. Hence, the critical stress predictions in Table 3 (9.73 GPa for 〈110]T, 9.43 GPa for 〈011]T, 21.96 GPa for 〈001]T, 11.01 GPa for 〈102]T) overestimates the MD results. Nevertheless, the yield stress in MD simulations reflects the critical stress prediction to some extent, although the order of yield stress can be slightly different because of the nonlinear stress-strain curve and the detailed dislocation nucleation mechanism of each.
Comparison between Theoretical Predictions and Existing Experiments.
Having justified the validity of the theoretical framework by comparing its prediction with MD simulation results, we compared the results from our combined theoretical and computational study with existing experiments. Interestingly, for the 〈001] compression condition in which twinning is observed in our nanowire simulations, experiments on bulk single crystal reported the formation of superdislocations 5, 13 in a wide range of temperature. To make a more appropriate comparison with experiments, we predicted the preferred deformation modes based on the ICRSS from DFT calculations ( Table 4 ) and compared them with existing compression experiments along 9 orientations 5, 13, 24 , as shown in Table 5 . Although most experiments consider a non-stoichiometric crystal and bulk specimen which inherently have preexisting lattice defects, our results match well with experiments, only except for the [001], [152] and [233] orientations. In addition to the difference in chemical composition, we discuss the plausible origin of discrepancy in two aspects: the error in GSFE prediction from DFT and the operation of different deformation mechanism due to pre-existing defects in macroscale specimen. One can also suspect the surface stress effect originating from high surface to volume ratio, but we have shown that the effect of free surface on the deformation behavior is rather limited.
We first note that the critical stress predictions for ordinary slip and inverse super slip differ by only 11% for [152] orientation, as shown in detail in the Table S1 of the Supplementary Information. Different atomic composition, the temperature effect, and the limitation of DFT functional accuracy can be the sources of the different deformation mechanisms. Interestingly, two loading conditions, [001] and [ 233] compressions, for which twinning is predicted by our theoretical framework, are reported to be deformed by superdislocations. The conclusion remains valid when we also test a new twinning path reported recently by Wang et al. 40 , as depicted in the Fig S3  of the Supplementary Information. Because our GSFE-based model cannot explain such discrepancy, we tried to understand the observation based on the size dependent preferred deformation modes in the presence of preexisting defects, as described in the previous studies [41] [42] [43] [44] .
The typical size of the specimen in the experiment 5, 24 (a few millimeters) is considerably larger than the nanowires used in MD simulation; therefore, the specimen generally contains defects that can act as the Frank-Read source, pre-existing statistically stored dislocations, and etc. In comparison, the nanowire in our MD simulation is a lattice-defect-free specimen whose deformation is governed by dislocation nucleation. The critical stress criterion based on the Schmid factor and GSFE are relevant to predict the nucleation of dislocation or twin in defect-free nanocrystals. However, as the sample size increases, it becomes progressively important to consider the stress to form superdislocation and twin in the entire domain in the presence of pre-existing defects, as discussed in the literature [41] [42] [43] [44] .
The resolved shear stress to emit a superdislocation in the presence of a Frank-Read source can be expressed as follows: where τ s is the critical resolved shear stress to emit a [011] superdislocation on the (111) plane, b s is the magnitude of the Burgers vector of the superdislocation, μ s is the effective shear modulus for superdislocation, and d is the sample size (or grain size for polycrystal). Figure 8 (a) shows that this equation is derived from the equilibrium relation of line tension of superdislocation and resolved shear stress applied to superdislocation. In addition, the resolved shear stress required to emit a twinning partial can be expressed as follows:
where τ p is the critical resolve shear stress to emit a 1/6 [ 112] twinning partial on the (111) plane, b p is the magnitude of the Burgers vector of the twinning partial, μ p is the effective shear modulus for the twinning partial, and γ SISF is the stacking fault energy. Details of the derivation of (4) can be found in the Supplementary Note 1. Unlike the case of superdislocation, we must consider the effect of stacking fault energy for the generation of the twinning partial ( Fig. 8(b) ). A transition from superdislocation to twinning will occur as the size of the specimen is decreased below a critical grain size (which can be considered as the maximum size of Frank-Read source), where the critical stress for emitting the twinning partial becomes equal to that for superdislocation. The critical grain size (d c ) can be obtained by equating (3) and (4) and is given as follows:
s s p p SISF
The critical size is predicted to be 48.9 nm from the Farkas & Jones EAM potential (b p = 0.1616 nm, b = 0.5579 nm, γ SISF = 87.51 mJ/m 2 , μ s = 72.05 GPa, and μ p = 85.01 GPa) and 18.8 nm from the first principle calculation (b p = 0.1647 nm, b = 0.5685 nm, γ SISF = 179.1 mJ/m 2 , μ s = 53.76 GPa, and μ p = 61.39 GPa). The parameters required for the calculation are summarized in Table 1 , and the effective shear modulus was calculated based on the method of Scattergood and Bacon (see the Supplementary Note 3 of the Supplementary Information) 45 . Hence, we could suspect that the deformation twinning is unlikely to occur in the experimentally-tested millimeter scale single crystal samples which are orders of magnitude larger than the critical size predicted from theoretical calculations.
Conclusion
In summary, we suggest a theoretical framework to analyze the deformation behavior of a γ-TiAl single crystal without lattice defects and benchmarked the theory against MD simulations. MD simulations revealed that the γ-TiAl single-crystal was deformed by four types of deformation behaviors: ordinary slip, twinning, super slip, and mixed slip/fracture. We predict the deformation mode based on the critical stress calculation obtained from
Direction
Step 13 ) and the theoretical prediction based on GSFE from DFT. *Infinite critical stress indicates that the Schmid factor for the deformation mode is negative or 0. the Schmid factor and the GSFE curve and find a good match with the simulation results. Hence, we show that the limited applicability of the Schmid law on the γ-TiAl can be resolved when GSFE curve is also taken into account. Interestingly, our theoretical predictions on the deformation mechanism matched well with existing experiments on bulk specimen with only a few exceptions, although the bulk specimen inherently have preexisting lattice defects. We suggest size-dependent deformation mechanism originated from the preexisting dislocation source as a plausible cause of the discrepancy, in addition to the inaccuracy of the DFT calculations and different chemical composition. We note that the suggested analysis method in the present study can be applied to other intermetallic systems involving the formation of superdislocations.
